The phase evolution of cubic (c), solid solution TixCr~0.37Al1-0.37-xN alloys with x=0.03 and 
Introduction
Wear resistant coatings are used to improve the properties of hard metal cutting tool inserts. Among a wide range of transition metal nitrides, cubic c-Ti1-xAlxN coatings are extensively used in this product segment triggered by its superior mechanical properties [1] .
The high hardness after exposing the coating to high temperatures is related to spinodal decomposition [2, 3] resulting in c-TiN and c-AlN rich domains where the variations in elastic properties and the strain between domains gives rise to age hardening. However, the subsequent transformation of c-AlN to hexagonal (h)-AlN following the spinodal decomposition [3] degrades the mechanical properties of the alloy due to loss of coherency between c-TiN and cAlN domains [4, 5] .
For high-speed cutting tools the temperatures may reach above 1000 °C at the cutting zone [6] . Coating materials with improved thermal stability are needed in order for the tool to survive extended time periods or even higher temperatures. Enhanced thermal stability, in terms of suppressing the h-AlN formation during decomposition, has been demonstrated by multilayering TiAlN [7, 8] or alloying metal elements (Me) in TiMeAlN [9] [10] [11] [12] . Specifically, the addition of Cr in TiCrAlN-alloys has shown to yield superior mechanical properties after high temperature annealing and wear resistance compared to TiAlN [13] [14] [15] . Despite a less pronounced age hardening in TiCrAlN because of lower coherency strains between Ti-and Alrich domains when introducing Cr [7, 16] , the detrimental effect on the mechanical properties by h-AlN formation is also less severe due to formation of semi-coherent interfaces between hAlN and c-TiCrN domains [8, [16] [17] [18] . Nevertheless, the formation of h-AlN still limits the high temperature properties and the details regarding its transformation are lacking. There is a critical domain size for when the interfaces relax from semi-coherent to incoherent during formation of h-AlN, which is Cr-content dependent [16] . In order to further improve the design of these coatings, a better understanding of the formation mechanisms of h-AlN is needed.
The decomposition path of TiCrAlN is known to be dependent on its chemical composition. In particular, spinodal decomposition is shown to be promoted with increasing Ti-content for a fixed Al-content [17] . In the case of TiAlN (no Cr), it is well known that the spinodal decomposition generates different microstructures depending on Al-content; that both the coarsening rate of the cubic domains and the subsequent c-AlN to h-AlN transformation rate depend on alloy composition [19] . In addition, the h-AlN formation rate is affected by the microstructure generated during spinodal decomposition [20] . Given that the presences of Cr causes less coherency strain and allows for formation of h-AlN with semi-coherent interfaces with TiCrN [21] , our hypothesis is that the activation energy and formation rates of h-AlN are affected by the alloy composition and thus provides a tool to reveal its formation mechanism.
In this study, the phase evolution of TiCrAlN and the kinetics of h-AlN formation are investigated by in situ wide angle x-ray scattering (WAXS) measurements during high temperature annealing. Two TiCrAlN alloys with different Ti/Al ratios were studied to investigate the effect of the decomposition route on the kinetics of h-AlN formation. The transformation rate and activation energy of h-AlN formation differ depending on alloy composition. The kinetics of the phase transformation is discussed in terms of decomposition mechanisms and microstructural differences.
Experimental details
The deposition of TiCrAlN coatings was performed by cathodic arc evaporation in a Sulzer Metaplas MZR323 system on both iron (Fe) foils (Goodfellow Cambridge Ltd FE000400) and cemented carbide (WC-Co) 12 wt% Co substrates (ISO geometry SNUN 120408). An application of these coatings is cutting tools, which is why WC-Co substrates were used for the ex situ experiments. Coatings deposited on Fe-foils where intended for in situ analyses where the substrate had to be removed. The deposition was carried out in 4.5 Pa N2-atmosphere, with a substrate temperature of 550 °C, and a substrate bias of -35 V. Prior to deposition, the substrates were cleaned by Ar ion etching. Compound cathodes of TiAl and CrAl with different Ti/Al and Cr/Al ratios are used in each deposition (first deposition:
Ti33Al67-Cr50Al50-Ti75Al25; second deposition: Cr50Al50-Ti45Al55-Cr30Al70) for obtaining various compositions of TiCrAlN coatings, as shown in Figure 1(a) . To prevent chemical reactions between coating and substrate materials during in situ annealing experiments (~1100 ºC), powder samples were prepared following deposition by dissolving the iron substrates in hydrochloric acid, a procedure that completely removes the Fe while the structure of the coating is retained [7] . The obtained coating flakes were cleaned in deionized water and ground to a fine powder. The metal content of the coating powder was measured by energy-dispersive xray spectroscopy (EDS) in a Leo 1550 Gemini scanning electron microscope operated at 20 kV.
Based on their similar Cr-content and different Ti/Al-ratio, two powder compositions were selected for in situ characterization: Ti0.16Cr0.36Al0.48N and Ti0.03Cr0.38Al0.59N.
The in situ x-ray scattering experiments were performed at the beamline P07 (highenergy materials science beam line) at PETRA III, DESY in Hamburg using an 80 keV x-ray beam with a size defined to 500 × 500 µm 2 using slits. Isothermal anneals were carried out in a vacuum chamber at a working pressure of 1.6 mPa for 3-5 hours and isothermal annealing temperatures (Tmax) were between 1000 °C and 1150 °C with a heating and cooling rate of 20
. The experimental setup is schematically shown in Figure 1 The sample to detector distance and beam center coordinates on the detector were determined by a LaB6 NIST standard sample and using the software Fit2D [22] . The LaB6 standard was also used to estimate the instrumental peak broadening. A 10º wide sector of the two-dimensional raw-data was transformed into one-dimensional intensity vs "d-spacing" lineouts using Bragg's law: 2 sin = , where the scattering angle, 2 , is obtained from the sample to detector distance and the radial distance on the detector. The same sector of the twodimensional raw-data is used for all samples. No deviation in diffraction rings with varied azimuthal angle was observed from the randomly oriented powder sample. By fitting pseudoVoigt functions to the 1D data, the integrated intensity and full width at half maximum (FWHM)
were extracted for further analysis with respect to isothermal annealing time.
For ex situ investigations, samples consisting of coated WC-Co substrates were annealed using the same experimental setup and the same heating and cooling rates as for the in situ experiments. The time and temperature for isothermal annealing were selected based on the results from the in situ experiments as explained in Section 3.1. The microstructure of asdeposited and annealed samples were studied by analytical transmission electron microscopy (TEM), fast Fourier transform (FFT) and scanning TEM (STEM) using a FEI Tecnai G 2 TF 20 UT microscope operated at 200 kV and equipped with an EDS detector. Z-contrast STEM micrographs were obtained by a high-angle annular dark field (HAADF) detector operated with a camera length of 170 mm. The FFT images were obtained using the Gatan DigitalMicrograph™ software and the cross-sectional TEM samples were prepared by mechanical grinding followed by Ar-ion beam milling. The onset of decomposition is more clearly visualized by the FWHM of the c-TiCrAlN 220 peak as a function of isothermal annealing time shown in Figure 4 , where peak width starts to increase at ~7 min before reaching Tmax, corresponding to ~1000 °C for both coatings. For the as-deposited coatings (~50 min before isothermal annealing), the FWHM value (~1.05 mrad)
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is similar for both samples and it decreases to ~0.75 mrad during annealing at temperatures below 1000 °C. This is an effect of point defect (interstitials and vacancies) annihilation commonly observed during annealing of arc evaporated transition metal nitrides [28, 29] .
Above 1000 °C and during the initial part of isothermal annealing the FWHM increases to a maximum value of 1.17 mrad for Ti0.16Cr0.36Al0.48N and 0.76 mrad for Ti0.03Cr0.38Al0.59N.
Considering that the same instrumental broadening prevails for both samples, a smaller coherent domain size, larger compositional variations, or higher microstrain is present in the Ti0.16Cr0.36Al0.48N alloy compared to Ti0.03Cr0.38Al0.59N during decomposition.
The FWHM (Figure 4) decreases to 0.42 mrad at ~20 min of isothermal annealing for 
Formation rate of h-AlN
From the lineouts in Figure 3 , the h-AlN phase appears at lower temperature in Ti0.03Cr0.38Al0.59N than Ti0.16Cr0.36Al0.48N, indicating that formation of the h-AlN phase started at different annealing temperature. The kinetic analysis of the h-AlN formation is based on the Kolmogorov-Johnson-Mehl-Avrami (KJMA) equation, widely used to study the kinetics of phase transformations [30] [31] [32] and usually expressed as
Here, f is the transformed fraction of the phase of interest, k is a rate constant, t is time, and n is the Avrami constant, which is related to the nucleation mechanism. For example, under constant nucleation rate, n=4 for three-dimensional growth while n decreases to 2 for onedimensional growth [33, 34] . The rate constant (k) depends on both nucleation and growth rates;
it is therefore temperature dependent and has the form of an Arrhenius expression [33] ,
where k0 is a pre-exponential constant, Ea is the activation energy, is the molar gas constant and T is the absolute isothermal annealing temperature.
In the present study, the fraction of h-AlN formed is determined from the intensity of the diffraction signal. From the transformed fraction as a function of annealing time, the activation energy required to form this phase can be extracted using Eqs. 
Thus, the slope of a fitted line to the plot of ln versus (1/T) gives the activation energy and the y-axis intercept is the logarithm of the pre-exponential constant. Table 1 along with the results for Ti1-xAlxN [20] obtained by the same procedure. The Avrami constant does not vary much between different alloys and thus its contribution to the differences in transformation rate is small. This is underlined in the literature where similar Avrami constants have been reported for a range of phase transformations under varying conditions [35] [36] [37] . The modified KJMA equation, including an impingement parameter whose value depends on the nucleation site (e.g. grain boundary or bulk site) [20, 38] has also been tested and it results in only small changes in the activation energies when the impingement parameter (ε) is varied in the range of 0.1-3. Hence, those results are not presented here. The transformation rate depends on nucleation rate as well as growth rate. As the peak broadening (FWHM) is related to grain size, the change of FWHM with annealing time gives an estimation of the growth rate. 
Discussion
Phase and microstructure evolution during annealing
In the as-deposited state, no other phases except the c-TiCrAlN phase are found in the coatings. Both coatings exhibit columnar growth with similar grain size based on cross-sectional images of the coatings. The FWHM of the c-TiCrAlN peak is similar for both asdeposited coatings indicating that the grain size and defect density is similar in both coatings.
During annealing at T<1000 °C, annihilation of point defects occur to a similar extent for both compositions. The observed phase evolution during annealing agrees well with previous studies of TiCrAlN by ex situ x-ray diffraction [16, 17] , with the end products being c-TiN, c-Cr and h-AlN. Also the intermediate phase (h-Cr2N), forming before transformation to c-Cr, exhibits similar behavior in terms of formation and decomposition temperatures despite using different heating cycles in this study compared to what has been reported previously [17, 40] . For both Ti0.16Cr0.36Al0.48N and Ti0.03Cr0.38Al0.59N, the formed phases exist in both coatings but with varying amount and growth rate, which is an effect of the different alloy compositions.
The decomposition routes of the two TiCrAlN alloys can be written as Studies of c-TixCr1-xAl0.61N alloys [17] , have shown two co-occurring mechanisms of decomposition: spinodal decomposition of the c-TiCrAlN phase and direct precipitation of h-AlN from the c-(Ti)CrAlN phase. It was found that increasing the Ti-content while keeping the Al-content constant promotes spinodal decomposition. In this work, both Ti-and Al-content are changed between the coatings which also influence the decomposition behavior, although theoretical studies predict that the driving force for spinodal decomposition is similar for Ti0.03Cr0.38Al0.59N and Ti0.16Cr0.36Al0.48N [26] .
In the case of the Ti0.16Cr0.36Al0.48N alloy our experimental findings show an evolution of a compositional modulated microstructure consistent with spinodal decomposition. In contrast, the low Ti-content Ti0.03Cr0.38Al0.59N alloy does not display the same behavior. With approximately similar amount of h-AlN (i.e. when the h-AlN phase contains 50 % of the total amount of Al in the sample), the h-AlN grains tend to accumulate in grain boundary areas for both samples (see Figure 5 ). Comparing with previous results for c-Ti0.11Cr0.28Al0.61N [17] , with a similar alloy composition as in the current study, precipitation of h-AlN along grain boundaries was found to occur for high annealing temperatures (1000 °C), thus in agreement with the precipitation behavior of h-AlN grains found here. Though at an earlier stage of decomposition (annealing at 900 °C) the segregation of Al to grain boundaries was less obvious [17] . This suggests that h-AlN precipitates mainly at grain boundaries despite the preceding spinodal decomposition in the alloy, which is actually similar to TiAlN [2] .
The size of h-AlN grains in the Ti0.03Cr0.38Al0.59N sample annealed at 1050 °C estimated from the STEM micrograph is 30-50 nm, which is slightly larger than the 28 nm grain size determined by x-ray peak broadening analysis. For the Ti0.16Cr0.36Al0.48N sample at the same temperature, the h-AlN grain size is estimated to 50-75 nm from STEM and 35 nm from x-ray peak broadening analysis. These differences suggest subgrain formation in the h-AlN, perhaps due to entrapped Cr and Ti atoms or coalescence of slightly misaligned h-AlN grains.
The subgrain formation is more pronounced in the Ti0.16Cr0.36Al0.48N sample.
Kinetics of h-AlN formation
The large difference in formation rate of h-AlN between the two alloys suggests that the formation rate depends on the decomposition route, where the occurrence of spinodal decomposition in one of the alloys affects the transformation rate. And since the h-AlN phase forms from CrAlN for both alloys, formation of CrAlN then limits the h-AlN transformation rate.
In the Ti0.03Cr0.38Al0.59N coating, the c-CrAlN grain size is already in the order of 50-100 nm after ramping to 1150 °C without hold period. In contrast, the c-(Ti)CrAlN domains formed during spinodal decomposition of Ti0.16Cr0.36Al0.48N remain small for longer annealing times. After 10 min at 1150 °C their size is still just a few nm. Further, Forsén et al. [8] have
shown that better lattice matching can be achieved between the two cubic phases in the presence of Cr causing a reduced coherency strain and thereby increasing the stability. The domains can then grow larger while still remaining coherent [41] . This delays the transformation to h-AlN, resulting in lower transformation rates compared to TiAlN [20] . Comparing the two TiCrAlN alloys, the Cr containing domains we observe here with coherent interfaces in Ti0.16Cr0.36Al0.48N have a lower driving force for Al migration to the grain boundaries where h-AlN is formed. The net result is that the CrAlN domains within the fine microstructure caused by spinodal decomposition are more stable than the larger CrAlN grains in Ti0.03Cr0.38Al0.59N.
The formation of h-AlN occurs by nucleation and growth, while both nucleation and growth rates affect the overall transformation rate. Despite a slower transformation rate to h- The similar value of the activation energy for Ti0.16Cr0.36Al0.48N and the two TiAlN alloys (see Table 1 ) is surprising as the phase transformation is different in the case of TiCrAlN and TiAlN. In TiAlN, pure c-AlN domains transform to h-AlN while in TiCrAlN h-AlN precipitates from the c-CrAlN domains. On the other hand, the activation energy for Ti0.16Cr0.36Al0.48N and for TiAlN is in the same order as the activation energy for diffusion in TiAlN alloys [3, 19] , which implies that the h-AlN formation rate may be diffusion controlled in both cases. Formation of h-AlN from c-CrAlN [8, 17, 41] or c-AlN [5, 42, 43] involves migrating Al atoms that must overcome similar energy barriers in the decomposed cubic matrix, which likely explains the small difference in activation energy. While the structure of Al-rich domains is similar for TiAlN and Ti0.16Cr0.36Al0.48N, the c-CrAlN grains in Ti0.03Cr0.38Al0.59N
are not confined in a nanoscale compositionally modulated structure. The different microstructure yields another diffusion path, which is responsible for the deviating activation energy found for this sample.
The activation energy for lattice diffusion and grain boundary diffusion can differ by up to three times as was found for Al thin films [44] and metal diffusions in nitride films [45, 46] , 
Conclusion
The decomposition mechanism and the kinetics of the decomposition process in 
